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This study focuses on synthesizing cermet materials consisting of a two-phase 
structure of ductile beta-Ti solid solution phase and a hard titanium boride TiB phase, 
which appears as a nanostructured TiB whisker network surrounded by a beta-Ti matrix. 
Iron and molybdenum are used in this Ti-B-Fe-Mo alloy system as stabilizers of the beta-
Ti phase to control the proportions of alpha (hcp) or beta (bcc) solid solution phases, and 
also have some solubility in the TiB phase, forming ternary (Ti,X)B borides.  
The calculation of phase diagrams (CALPHAD) approach using Thermo-Calc 
software was used to predict and design sample compositions and processing 
temperatures. Samples were synthesized by mixing Ti, Fe, Mo, and TiB2 powders at 
varying concentrations to achieve desired compositions. Electric-field-activated-sintering 
was used to synthesize samples with a reaction sintering process. This study focused on 
analysis of samples in the cermet range, between 50 and 70 volume percent TiB phase. 
Density measurements indicated that fully dense cermet materials were created. Generic 
two-phase microstructure was confirmed using X-ray diffraction and scanning electron 
microscope (SEM) techniques.  
Mechanical properties including flexural strength and fracture toughness were 
evaluated. Four-point flexural strength varied between 826 MPa and 941 MPa for 50, 60, 
and 70 volume percent TiB samples. Inclusion particles were responsible for initiation of 
fracture in flexural testing and led to variations in strength. Precracked beam fracture 
iv 
toughness varied between 10 and 17.8 MPa√m for 50, 60, and 70 volume percent TiB 
samples, with fracture toughness improving with the addition of more ductile beta-Ti 
phase and after heat treatment.  
The mechanical and physical properties of Ti-TiB cermets were compared against 
commercially available cermets such as WC-Co. The present samples have potential for 
some practical applications as cutting, shaping, or forming tools.  
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A cermet is derived from a combination of the words “ceramic” and “metal.” 
According to a definition given in the ASM Metals Handbook [1], a cermet is “a powder 
metallurgy product consisting of ceramic particles bonded with a metal.” The aim behind 
development of these materials was to produce a material that has designed properties 
superior to those attained with ceramics or metals independently [2]. In the realm of 
composite materials containing both ceramic and metal components, cermets fall in the 
nominal range of 30 to 90 volume percent ceramic particle content.  
The original drive for the development of cermet materials came in the early 
twentieth century. High-speed steels were being used in machining, but could only cut in 
the range of 20 to 40 m/min. There continued to be industrial need for higher cutting 
speeds than high-speed steel could offer. Cemented carbide, which consists of a hard WC 
phase bound by Co matrix phase, was developed in 1923 by Osram Lamp Works in 
response to this need. WC-Co offered cutting speeds from 100 to 150 m/min [3]. The 
development of WC-Co composite materials was the start of the field of cermet research.  
 For several decades, cermet development was dominated by the creation of TiC-
based materials with combinations of Ni, Mo, Cr, Al, and other metals serving as metal 
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matrices.  These TiC cermets were widely used as machine tools for high-speed finishing 
of steel. Further need for refinement of cermet properties, particularly for machine 
tooling needs, led to the development of Ti(C,N) cermets as well as coated WC-Co [4]. 
Several factors have led to the expansion of research into cermet materials with 
noncarbide ceramic phase. One factor driving this expansion was the desire to have 
cermets with low density which could be used as low-weight structural materials in 
aerospace and automotive applications. Another driving factor was ease of processing. 
For some time, WC-Co cermets required multiple processing stages, including high-
temperature sintering of WC followed by infiltration of liquid Co as a matrix material. 
There has been a drive for less expensive processing methods than those of traditional 
WC-Co, such as one stage sintering processes and relatively low-temperature synthesis of 
cermets.  
One result of this expanding cermet research was the development of titanium and 
boron-based cermets. Due to the low density of boron, these cermets also have very low 
density and can be used in lightweight applications. The majority of the work on boride 
cermets in industry has been centered around cermets in which titanium diboride (TiB2) 
is the primary ceramic phase. However, the synthesis of cermets with TiB remains of 
special interest because of the thermodynamic driving force for the creation of TiB from 
TiB2 during sintering. TiB ceramic material can achieve hardness as high as 1600 
kgf/mm2 [5]; having ceramic material of such high hardness coupled with ductile Ti 
material offers good potential for machine tooling applications. Recent developments in 
electric-field-activated sintering technology have made it possible to sinter Ti-TiB 




1.2 Problem Statement 
 The author is part of a research group at the University of Utah that undertook the 
task of furthering research into the creation of Ti-TiB cermets. The most noticeable need 
in this field was the improvement of mechanical properties of Ti-TiB cermets. Previous 
work showed bending strength around 450 MPa for the range of 50 to 70 volume percent 
TiB, and toughness around 6 MPa√m for the same composition range [7]. These 
mechanical properties were evaluated for Ti-TiB cermets in which the titanium phase 
consisted of alpha (hcp) Ti. It is widely accepted that beta (bcc) Ti is more ductile than 
alpha Ti, and there was room for research into developing a beta Ti-based Ti-TiB cermet, 
which would improve bulk strength and toughness properties.   
 To create a cermet with a beta-Ti matrix phase, the beta-Ti phase must be 
stabilized to a lower temperature. This is done by alloying additions of beta-stabilizing 
elements such as Fe, Mo, Nb, and V, among others. But the scope of this research 
presents a unique challenge by trying to stabilize the beta-Ti phase within a composite 
system in which reaction sintering takes place to create the ceramic phase. The presence 
of metastable ternary boride (Ti,X)B phases is expected and will require further 
evaluation [8]. 
 In recent years, the author’s research group has successfully synthesized various 
Ti-TiB composites by reaction sintering Ti and TiB2 particles. Ti-TiB composites of 
ceramic content varying up to 90 volume percent were synthesized. This work began 
investigation into the use of beta-stabilizing alloy additions in the creation of Ti-TiB 
composites in ternary and quaternary alloy systems [9]. This work highlighted a need for 




successful synthesis of cermets in the Ti-TiB system with alloying additions creates a 
novel material in need of evaluation. Very little work has been done on evaluation of 
quaternary Ti-TiB composite alloy systems in the cermet range.  
 The general focus of this work was to synthesize fully dense Ti-TiB cermet 
materials in the Ti-B-Fe-Mo alloy system by reaction sintering Ti, TiB2, Fe, and Mo 
powders. The expected result was a cermet composite with a nanostructured network of 
TiB whiskers embedded in a beta-Ti matrix. Following successful synthesis, mechanical 
property evaluations were in order to determine potential industrial uses for these cermet 
materials.  
 
1.3 Scope of the Present Research 
 The present research is focused on the synthesis of 50, 60, and 70 volume percent 
TiB cermet materials with a beta-Ti matrix phase, as well as understanding the 
mechanical behavior including hardness, bending strength, and fracture toughness. The 
principal objectives of the research are the following: 
• To use thermodynamic data and the CALPHAD approach to design cermet 
materials in the Ti-B-Fe-Mo system. The CALPHAD approach is implemented 
using the Thermo-Calc software package. This approach was chosen because the 
intended cermet materials are novel. Thus, standard methods of alloy 
investigation would require time-consuming, expensive, and repetitive empirical 
sample preparation. The CALPHAD method allows predictive modeling of 
compositions and processing parameters, which fulfill the requirements of the 




• Synthesize fully dense cermet materials in the Ti-B-Fe-Mo system by electric-
field-activated sintering, varying beta-stabilizing element content as well as TiB 
final content by volume percent.  
• Optimize the Fe:Mo ratio (by weight) and evaluate the behavior of alloying 
elements Fe and Mo during sintering. The amount of these beta-stabilizing 
elements that go into the TiB phase to create ternary (Ti,X)B borides may alter 
the effectiveness of the stabilization of the beta-Ti matrix phase.  
• Evaluate the microstructure of the sintered materials, comparing among the 
different compositions. This will be done using X-ray diffraction and scanning 
electron microscopy methods. Microstructure of as-sintered samples is analyzed 
as well as post-fracture samples.  
• Evaluate mechanical properties of the 50, 60, and 70 volume percent TiB samples 
by performing Vickers hardness, four-point bend testing to evaluate flexural 
strength, and four-point bend precracked beam fracture toughness testing to 
evaluate material toughness.  
• Implement a heat-treatment on the 50, 60, and 70 volume percent TiB samples 
and repeat hardness, flexural strength, and fracture toughness testing to 














2.1 Introduction to Cermets 
 There is debate in industry about the differentiation among hardmetals, cermets, 
and cemented carbides [2,3]. For the sake of simplicity, this thesis will categorize all 
materials with a ceramic phase between 30 and 90 volume percent bound by a metal 
matrix phase of the remaining volume percent as cermets.  
The ceramic phase in this definition consists of a metallic element bonded with C, 
B, N, or O in varying stoichiometry. Engineering ceramics are classified generally into 
oxide ceramics and nonoxide ceramics. Boron carbide (B4C), silicon carbide (SiC), 
silicon nitride (Si3N4), titanium carbide (TiC), titanium carbo-nitride (Ti(C,N)), and 
tungsten carbide (WC) are among the nonoxide ceramics. Aluminum oxide (Al2O3), 
zirconia (ZrO2), and magnesium oxide (MgO) are among the oxide ceramics [10]. With 
the exception of very niche applications, the ceramic phase in cermets is generally limited 
to nonoxide ceramics. The metallic binder phase is historically limited to Ni, Cr, Co, Ti, 
Mo, Al, and Fe [3]. However, small quantity alloying additions to these binder elements 
or combinations thereof are often used, as will be demonstrated in this research.  
 As demonstrated above, the first cermets to find industrial use were carbide-based 




life was a concern. WC-Co cutting tools demonstrated high crater wear, which 
deteriorated the life of the tool. To counter this, TiC was added to the WC-Co materials 
to make WC-TiC-Co cermets. This dramatically reduced crater wear [11]. TiN and 
Ti(C,N) were also investigated as alloying and coating materials for cemented carbide 
cutting tools to further improve tool life by providing a hardened shell, which would have 
to be worn through before crater wear began deteriorating the substrate cemented carbide 
[12]. In this pattern, the development of new cermets grew out of the need for property 
improvements of previous cermets.  
 
2.1.1 WC Cermets 
 WC-based cermets are usually produced with powder metallurgy methods in 
which WC and metal powders are mixed and pressed into compacted green parts, 
followed by sintering to form consolidated bulk materials [13]. Another common method 
is to preform porous WC structures and infiltrate molten metal material into the structure 
[14]. Production of bulk WC-based cermets is usually performed using furnace melting, 
but alternatively, exothermic thermite reactions have been utilized to melt metal matrix 
materials and facilitate fast infiltration of the WC preform structure [15]. 
WC cermets generally contain a metallic binder phase of Co. Depending on the 
intended application, the grain size of WC in WC-Co ranges from about 0.3 µm to 40 µm.  
Coarse WC grains of 3 µm and larger are used in mining applications. WC-Co metal 
cutting tools contain WC grains between 1 and 2 µm. Cermets with submicron WC 
particles have many niche applications in machining, punches, and nozzles, to name a 




atoms in relation to W atoms generates different types of planes at the interface with Co. 
The result is rough asymmetrical angular grains of WC embedded in the Co matrix [17].  
In industrial applications, the Co content of these cermets ranges from 3 to 30 
weight percent. Strength and toughness of WC-Co cermets depend on optimization of the 
ratio of ceramic to matrix material as well as optimization of the WC grain size. Materials 
with larger WC grains on the order of 20 to 30 µm exhibit ductility, whereas materials 
with small WC grains of 3-6 µm behave in a brittle fashion [18]. Increased WC content 
will lead to increased hardness but decreased toughness.  
WC-Co materials with varying ratios of WC and Co have an average density of 
around 15 g/cm3. Jia et al. estimate that a WC-Co sample with about 75 volume percent 
WC phase demonstrates a hardness around 1950 kgf/mm2 and a fracture toughness 
around 8 MPa√m [19]. Naturally, many variations on fracture toughness are possible by 
changing WC grain size, binder material, or phase of the binder material. Fracture 
toughness of WC-Co cermets with high WC ceramic content has been measured up to 20 
MPa√m [20]. The bending strength of WC-Co composites in the cermet WC volume 
percent range have been calculated in the range of 2200 to 4000 MPa [21].  
 
2.1.2 Ti(C,N) Cermets 
 TiC-based cermets were produced in part because of the shortcomings of WC-Co 
cermets during use. At high machining speeds, and therefore high friction-caused 
machining temperature, WC-Co cermets demonstrated debonding phenomenon and low 
oxidation resistance that quickly deteriorated tool life. TiC cermets were able to function 




shortcomings of their own, namely that TiC showed poor wettability that hindered 
bonding with the matrix phase. The matrix phase at that time was typically a combination 
of Ni, Mo, and Cr.  
The need for easier processing led to the sintering additive of Mo2C [4]. Mo2C 
powders were mixed with the binder metal powders of Ni and Mo and upon sintering, 
formed a rim of (Ti,Mo)C around the TiC particles, which increased the wettability of the 
TiC particles. Taken one step further, additives like Mo2C mixed with pure parent 
materials like unalloyed Ti birthed the method of reaction sintering of cermets. The 
reaction sintering of Ti and metal carbides such as Mo2C provides the carbides for 
formation of TiC ceramic particles, as well as introducing particles like Mo into the Ti 
matrix to assist in stabilization of desired phases [22]. It was later found that TiC cutting 
performance and wear resistance could be further improved by the addition of N to create 
Ti(C,N) cermets. Once again, the key ingredient in the processing of these cermets was 
the addition of Mo2C to enhance wettability and assist in creation of desired phases [23]. 
Attempts have been made to combine the advantages of WC, TiC, and TiN by 
creating composite materials with all three carbides bound in a matrix phase. Li et al. 
created cermet composites with 20 weight percent Co binder phase and varying amounts 
of WC, TiC, and TiN. Their study found that strength varies between 800 and 1000 MPa 
and fracture toughness varies between 16 and 20 MPa√m [24]. Cermets of this 
combination of ceramic phases have been measured at hardness values between 1500 and 
1900 kgf/mm2.  
TiC has a similar crystal structure to that of tungsten, as explained in Section 




temperature or for long periods of time, TiC forms carbide solid solutions with the other 
carbides in the mixture. These carbide solid solutions remain as distinct ceramic particles 
surrounded by a matrix such as a Ni-Co solid solution to form a cermet material [25]. 
One drawback of TiC and Ti(C,N)-based cermets is low fracture toughness. A 
cermet of this type with metallic binder phase of about 20 weight percent exhibits a 
fracture toughness around 5 to 6 MPa√m. Properties like flexural strength and hardness 
can be improved within the range of 1000 to 1400 MPa and 1900-2000 kgf/mm2, 
respectively, by different alloying additions [26]. Fracture toughness of Ti(C,N)-based 
cermets is more difficult to improve. By using higher binder metal content or increasing 
grain size of the ceramic phase, fracture toughness can be improved up to 12 MPa√m, but 
hardness is reduced, which in turn reduces the effectiveness of the alloy for cutting [27]. 
There have been TiC-based cermet materials developed for noncutting applications like 
impact-resistant armor, which have demonstrated toughness as high as 20 MPa√m by 
increase in metal binder phase, but this seems to be the upper limit of toughness in TiC-
based cermets [28]. 
 
2.1.3 B4C Cermets 
 B4C, as an engineering ceramic, is best known for its high hardness and wear 
resistance. It has a hardness value in excess of 3000 kgf/mm2. It also has a low density of 
around 2.5 g/cm3. Both of these qualities have made it an ideal material for use as a 
lightweight armor material for both vehicle and personnel [29]. Its high hardness also 
makes B4C a useful ceramic material for use in cermets. B4C itself has a low fracture 




phase as in cermets [30].  
 The most common binder metal in B4C cermets is Al. It has been found that the 
addition of Al and Al2O3 overcomes sintering barriers and greatly increases the 
densification of B4C as well as acting as a binder [31]. Al is often melt infiltrated into the 
B4C structure, which can increase the hardness of the B4C slightly due to the prevention 
of pore collapsing [32]. B4C-Al cermets are designed for use outside of cutting tools, 
unlike previously discussed cermets. As such, their mechanical properties are difficult to 
compare.  
 Another common binding method of porous B4C structures is the infiltration of 
molten Si, sometimes with a small addition of a carbon source. The Si reacts with the 
B4C to form a composite structure in which the B4C is strongly bonded to the Si matrix 
phase due to reaction [33]. 
 The use of Ti as a matrix material with B4C ceramics has received interest 
recently. This is a purposefully designed reaction sintering process in which B4C reacts 
with Ti to make final products of TiC and TiB according to the reaction 5Ti + B4C → 4 
TiB + TiC. Thus, a cermet is created that contains ceramic materials of TiC and TiB 
surrounded by a Ti matrix [34]. This method, however, has drawbacks because the 
starting B4C powder is expensive and difficult to make. Thus, efforts to create boride-
based ceramics have followed other processing routes.  
 
2.1.4 TiB2 Cermets 
 There is research interest in boride-based cermets because of their high 




properties. Good electrical conductivity of borides has also played a key role in the drive 
for development of these cermets. 
TiB2 has a hardness of up to 2500 kgf/mm2 and has been used effectively as an 
armor plating material. TiB2 cermets have been used as coating materials on stainless 
steels and Ni-based superalloys to protect base materials in abrasive applications [35].  
 Initial work in the fabrication of solid structure boride cermets had limitations 
because of the poor sinterability and high brittleness of borides. A liquid phase sintering 
process was developed to counter these issues. Initially, the base materials used were Fe, 
Co, and Ni. These base materials reacted with borides to form ternary boride cermets 
such as Mo2FeB2-Fe, Mo2NiB2-Ni, and WCoB-Co [36,37].  
To avoid forming these borides, it was then natural for researchers to attempt to 
use the base metals of Fe, Co, and Ni to make cermets with TiB2 as the ceramic phase. 
However, during sintering of TiB2 with these transition metals, undesired metallic 
borides of MB, M2B, and M23B6 were created, which reduced the strength and toughness 
of the bulk materials. It was found that additions of alloying elements Al and Ti to an Fe-
Ni matrix prevents the formation of these unwanted boride compounds. Depending on 
control of the phases in the metallic matrix, hardness and toughness of these cermets can 
reach about 1900 kgf/mm2 and 15 MPa√m, respectively [38].  
 TiB2 cermets with other metallic binder phases have since been attempted. For 
example, a TiB2-W cermet has been developed that demonstrated a high hardness of 2500 
kgf/mm2, as well as bending strength of about 700 MPa and fracture toughness of 8 
MPa√m. However, this alloy system also saw the development of undesirable ternary 




 A simpler alloying approach has been to mix TiB2 powders with Ti binder 
powders and sinter. During sintering of these powders, some TiB forms according to the 
equation Ti + TiB2 → 2TiB [40]. By controlling the ratio of starting powders, the final 
ratio of TiB2 and TiB can be controlled. B has a limited diffusion rate into Ti, so 
controlling the processing time and temperature can also be used as a tool for controlling 
final structure. Through these methods, it is possible to make cermets with the high 
hardness of TiB2 and the toughening properties of TiB [41]. It will be shown hereafter 
that the author’s research group utilized this method.  
 
2.2 Ti-TiB Cermets 
Ti-TiB cermets strike a desirable balance among the mechanical properties of 
other cermets discussed above, with relatively high hardness, strength, and toughness. 
They have become incorporated into design of reaction-sintered cermet products because 
of the favorable thermodynamic properties of borides reacting with the correct alloying 
metals, as well as good electrical conductivity. Reinforcement of cermets with TiB 
maintains the high hardness typical of boride materials and offers higher toughness and 
strength than other boride reinforcements, such as TiB2.  
 
2.2.1 Physical Metallurgy of the Ti-B System 
As mentioned in Section 2.1.4, industry cermets have often used TiB2 as the 
ceramic phase. This is understandable given that TiB2 has a higher melting point, elastic 
modulus, and hardness than TiB. However, formation of TiB and Ti3B4 at the Ti-TiB2 




these cermets. TiB cermets, as an alternative, do not have the problem of unwanted 
borides because there is no intermediate phase between Ti and TiB. Additionally, 
synthesizing TiB cermets requires lower B content and lower sintering temperatures, 
making processing easier [42]. TiB forms as long, single-crystal whiskers. According to 
theories of strengthening based on whisker reinforcement, large increases in modulus and 
strength can be achieved with relatively low whisker reinforcement. Mechanical 
properties are helped as well by a crystallographic constituency between TiB and Ti, 
which has a nearly perfect interface [43]. The ease of processing of Ti-TiB cermets is 
helped at least in part by TiB and Ti having similar densities of 4.56 g/cm3 and 4.5 g/cm3, 
respectively, as well as similar coefficients of thermal expansion at 7.15x10-6/˚C and 
8.2x10-6/˚C, respectively [9,42]. 
In the Ti-B system, three boron compounds exist: TiB, Ti3B4, and TiB2 at boron 
concentrations of about 18%, 22% and 30% by weight, as shown in Figure 2.1 [44]. Each 
of these borides have different crystal structures. The main distinction is between TiB2 
and TiB (Figure 2.2). Each of these crystal structures have the same basic building block: 
a trigonal prism with a B atom at the center of the unit cell surrounded by six Ti atoms at 
the corner positions [45,46]. However, the packing arrangement of these trigonal prisms 
is different for TiB2 and TiB. In TiB2, the prisms stack vertically with triangular faces on 
top of each other in a close-packed array, creating a hexagonal structure. TiB, conversely, 
stacks vertically with rectangular faces in contact with neighboring prisms, forming an 
orthorhombic structure. B atoms preferentially diffuse along B-B chains in the [010]TiB 
direction. This stacking behavior is how TiB grows into long, needle-like structures. The 





Fig. 2.1 Ti-B binary phase diagram. Adapted from [44]. 
 
 




stiffness properties, which in turn increases strength and toughness [47]. Figure 2.1 
shows Ti3B4 as an intermediate phase between TiB and TiB2, but prior work by the 
author’s research group has not found evidence of this phase appearing in composite 
materials made from the sintering of TiB2 and Ti starting powders [48]. 
 
2.2.2 Reaction Sintering and Thermodynamic Design 
In previous work, Ti-TiB cermets have been produced using a variety of methods 
including pseudo hot isostatic pressing, combustion synthesis, rapid solidification, and 
laser cladding. Some of these methods develop TiB reinforcement through in situ 
methods, while some start with ceramic TiB particles [49]. It was found that methods of 
melt solidification to form Ti-TiB cermets produced a coarse product, which contained 
internal holes due to shrinkage [50]. 
The author’s research group has shown that reaction sintering using electric-field-
activated sintering, also known as spark plasma sintering, is an effective method for 
synthesis of in situ Ti-TiB composites [5,45,48]. According to Figure 2.1, when the B 
content is less than about 18 weight percent, alpha-Ti and beta-Ti phases can coexist in a 
stable manner with TiB up to 1540˚C.  
It is possible to form Ti-TiB composites by mixing Ti and B powders and reacting 
according to the reaction (1+x)Ti + B → TiB + xTi. However, this reaction is highly 
exothermic and can create control problems during processing [7,10]. Alternatively, by 
utilizing the reaction (1+x)Ti + TiB2 → 2TiB + xTi, TiB reinforcements of chosen 
volume fraction can be formed in situ with the Ti matrix. This reaction is made possible 




(Figure 2.3) [42]. Despite having a small negative free energy of formation value, the 
reaction free energy is nonetheless negative, which means the formation of TiB from Ti 
and TiB2 powders is favorable if the ratios of starting powders are carefully controlled.  
The morphology of TiB in bulk Ti-TiB composites can be altered by optimizing 
powder-packing parameters. Generally, TiB2 powders are smaller than Ti powders. This 
is because Ti and B form strong covalent bonds, which make TiB2 resistant to oxidation. 
Consequently, TiB2 powders can be milled to sizes around 5 µm. Pure Ti powders are 
generally in a size range around 30 µm. The larger size of Ti powders in comparison is 
due to the high oxygenation susceptibility of Ti powders. Ti powders must have low 
oxygen content to react properly in the Ti-TiB system. Keeping oxygen content low 
enough in Ti powders milled smaller than 30 µm becomes exponentially expensive due to 
required atmospheric controls and chemical removal of oxygen. Because most materials 
 
 




research is targeted toward producing bulk materials in as inexpensive a fashion as 
possible, powder-packing parameters and sintering reactions have been designed for 
powders of these sizes.  
 The first parameter that can be manipulated to affect final morphology is the 
amount of TiB2 in the starting powders. Naturally, the amount of TiB2 starting material 
will be dictated by the desired final composition. But in a bimodal system of Ti and TiB2 
powders, 29 volume percent TiB2 powders is a critical point for developing differences in 
final morphologies [48]. Figure 2.4 illustrates the differences in morphologies above and 
below the critical point of 29 volume percent TiB2. It should be noted that the 
morphology generated from higher TiB2 content includes clusters of nanowhiskers that 
form on a nanoscale as they impede each other’s growth. It has been found that these 
nanoscale whiskers are an important aspect of impeding crack growth and strengthening 
the matrix phase, which greatly improves strength and toughness properties of the bulk 
material [51]. 
A second method of changing final morphology is by increasing the packing 
density of the starting powders by adding powder size differences, such as changing from 
a bimodal to a trimodal powder mix. Often this role is fulfilled by the addition of phase- 
stabilizing elements, such as beta-stabilizers in Ti systems. As is discussed more in 
Section 2.2.3, some common stabilizing alloys of the beta-Ti phase are Fe and Mo. These 
elements have been shown to increase the packing density of base powders up to about 
85% [52,53]. The resulting bulk material morphology is shown in Figure 2.5 [53]. This 
strategy results in nearly 100% dense cermet materials while also strategically stabilizing 





Fig. 2.4 Illustration of final Ti-TiB composite morphology due to high and low TiB2 
starting powder content. Adapted from [51]. 
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2.2.3 Stabilizing the Beta-Ti Phase 
  As discussed above, one primary objective of the research on Ti-TiB cermets is 
to improve mechanical properties of the bulk material by improving the properties of the 
Ti metal matrix phase. A common method for altering the properties of the Ti phase is to 
stabilize the alpha or beta phases of Ti using common alloying additions. Mo, V, Nb, Ta, 
Fe, Cr, Ni, Cu, W, Mn, and Co are common beta-Ti stabilizing alloying elements. These 
additions would push Ti alloys to the right of the graph in Figure 2.6. Some common 
alpha-stabilizing alloy additions are O, N, B, C, and Al. These elements push Ti alloys to 
the left of the graph in Figure 2.6 [54]. According to desired applications, the optimal Ti 
alloy may contain both alpha and beta phases, as in the commonly used industrial Ti alloy 
of Ti-6Al-4V. In Ti-6Al-4V, both alpha and beta stabilizers are used to strike an ideal 
balance, mechanically speaking, between alpha and beta phases [55]. It should be  
 
  
Fig. 2.6 The effect of beta-stabilizing elements on titanium alloys. α and β represent alpha 
and beta phases of Ti, respectively. Ms represents the martensite start temperature. βc is 
the critical minimum amount of beta-stabilizing elements required for metastable beta-Ti 
alloys to remain fully beta upon quenching. βs is the minimum amount of beta stabilizer 





















reemphasized with the use of Figure 2.6 that there is a vital need for keeping the O 
content of the source Ti powder low. O is a very strong alpha stabilizer and will 
detrimentally affect the stabilization of the beta phase.  
 A previous study by Panda et al. [9] determined there was a significant increase in 
ductility of Ti-TiB composites due to stabilization of the beta phase because beta-Ti (bcc) 
is more ductile than alpha-Ti (hcp). Their work showed that in a Ti-TiB composite with 
34 volume percent TiB, elastic modulus, ultimate tensile strength, and percent elongation 
were all increased by the addition of Fe, Mo, and Nb beta stabilizers. The Nb alloy 
showed a higher increase in ductility than the Fe and Mo alloys, but a lower ultimate 
tensile strength.  
 Many Ti alloys have been used as a binder phase in TiB-reinforced composites. 
Alloys with varying combinations of Al, V, Nb, Fe, and Mo have been tested with 
varying results. Comparing the effect of phase stabilization on mechanical properties 
based on surveying literature is complicated because amounts of alpha and beta phases 
will vary among studies due to different amounts of interstitials (C, O, N), variation in 
size of reinforcing TiB whiskers due to processing, and varying amounts of alpha and 
beta stabilizing elements [42]. However, the principle remains that ductility of Ti binder 
phase increases, and therefore bulk material strength and toughness increase, by 
stabilizing the binder phase as beta-Ti by the proper alloying additions.  
 
2.2.4 Heat Treatment of Ti-TiB Composites 
 Electric-field-activated sintering, also known as spark plasma sintering, has been 




metallurgy process whereby starting powders are placed inside a graphite die and 
pressure is applied by hydraulic rams. A direct current pulse voltage is then passed 
directly through the powders through which the powders are resistance-heated and 
sintered. Du et al. [5] synthesized Ti-TiB composite materials with Fe and Mo additives 
by this method. The power output resulting from electric-field-activated sintering during 
this work is shown in Figure 2.7. The heating and cooling steps of this process can be 
observed in this graph because the temperature of the sample during sintering is directly 
correlated with the power output. The initial positively-sloped curve shows the heating of 
 
 
Fig. 2.7 Power vs. time output from electric-field-activated sintering of Ti-TiB 





the sample, and the flat line represents a prescribed hold time at a desired temperature. Of 
most interest is the negatively-sloped line that signals the start of the cooling period of 
the sample. In this example, power is still being applied during cooling, although at a 
diminishing rate. The purpose of this is to have a controlled cooling rate of 22˚C/min to 
avoid thermal shock to the graphite die and sample due to rapid cooling.  
 This method of slowed cooling poses no problems in a sample that has been 
alloyed with enough beta stabilizers to maintain the beta phase during the entire cooling 
process, as indicated on the right side of Figure 2.6. But in samples with beta stabilizing 
content in the metastable range between βc and βs in Figure 2.6, slow cooling would allow 
formation phases other than beta.  
In the author’s work, the synthesized Ti-TiB samples with alloying additions were 
calculated to fall within the metastable beta alloy range, according to Equation 2.1, which 
calculates the beta stabilizer content in terms of equivalent Mo content [58]. The author 
            
used the same equipment and the same heating and cooling regime as in Figure 2.7. 
Because the samples were metastable beta-Ti samples, the slow cooling was problematic 
for achieving full beta stabilization and avoiding the formation of alpha-Ti. Additionally, 
because Mo was used as a beta-stabilizer, the Mo-Ti binary system indicates the potential 
for formation of a metastable omega phase during slow cooling, which could further alter 
the mechanical properties of the bulk material [59–62]. 
 In order to avoid unwanted phases and obtain a fully-beta microstructure at room 
temperature for Ti-TiB cermets with metastable range beta-stabilizing content, a simple 




heat treatment is proposed: heat the samples into the beta range (above 1155 K, as shown 
in Figure 2.6) under inert atmosphere and immediately quench them. A quench with 
water at room temperature has been shown to be sufficient for achieving quenching rapid 
enough to avoid the formation of both alpha and isothermal omega phases [55,59–62].  
 
 






CALPHAD DESIGN IN THE Ti-B-Fe-Mo SYSTEM 
 
3.1 Thermo-Calc Calculations 
One facet of this cermet design is to incorporate CALPHAD-based calculations 
into alloy design in order to avoid time-consuming empirical trial and error synthesis 
experiments, where possible. This was done using Thermo-Calc software and a Ti-B-Fe-
Mo thermodynamic database, which was constructed and maintained by Dr. Vikas Jindal 
during his post-doctorate work at the University of Utah. Previous to the author’s work, 
the research group had synthesized and analyzed samples of varying compositions in the 
ternary systems of Ti-B-Fe and Ti-B-Mo and binary Ti-B system. The samples were 
analyzed to determine presence of phases and volume fraction of phases in order to verify 
or alter existing thermodynamic information for these systems. This, combined with other 
data from first principles calculations and literature surveys, allowed Dr. Jindal to modify 
the parametric free energy equations contained in his Ti-B-Fe-Mo database to more 
accurately reflect ternary behavior and assist in the construction of a free energy equation 
for the quaternary system.  
Following established CALPHAD practice [63,64], the aforementioned Ti-B-Fe-
Mo database contains free energy information for each unary system Ti, B, Fe, and Mo, 




B-Fe, Ti-B-Mo, and Ti-Fe-Mo, and B-Fe-Mo, and the quaternary system of Ti-B-Fe-Mo. 
This free energy information is combined and utilized by Thermo-Calc software in order 
to generate the phase diagrams contained in this section. These diagrams were used as a 
basis for choosing processing parameters and compositions used throughout the course of 
this research project. 
 
3.1.1 Binary Systems 
 The binary system of greatest use in this research is the Ti-B binary system. Even 
after the addition of beta stabilizers, the general behavior of the alloys included in this 
research are dictated by the line compounds and pseudo-line compounds contained in the 
Ti-B binary. Figure 3.1 shows little deviation from the Ti-B binary shown in Figure 2.1. 
The binary shows that by adding up to 50 mole percent B to Ti will result in a Ti-TiB 
composite. Since Ti and B are in a 1:1 stoichiometric ratio in TiB, it is conceivable that a 
sample of nearly 100% TiB could be synthesized, which was the aim of previous work in 
this group [5,10]. Of principle concern on this diagram are the beta-Ti + TiB and alpha-Ti 
+ TiB phase fields. The goal of adding beta stabilizers to this system is to lower the phase 
stability line between these two fields from its current position at around 1157 K to a 
temperature close to room temperature.  
The additions of Fe and Mo both have unique effects on the movement of this 
phase stability line. This is demonstrated in the binary Ti-Mo and Ti-Fe diagrams. The 
Ti-Mo binary diagram is shown in Figure 3.2. It can be seen that the addition of Mo to Ti 
has a strong broadening effect on the beta phase field, meaning the addition of Mo 





Fig. 3.1 Binary Ti-B phase diagram. 
 
 




high temperature. Mo has better high-temperature stability than Ti, and this property is 
adopted by Ti in the binary system. 
The Ti-Fe binary diagram is shown in Figure 3.3. From this it can be observed 
that an important impact of the addition of Fe to the Ti phases is that Fe has a drastic 
ability to reduce the temperature stability of the beta phase to a lower temperature. 
Additionally, it lowers the liquidus line in contact with the beta phase to a lower 
temperature, in contrast to the effect of Mo. The addition of Fe, therefore, is important for 
ease of processing of Ti-TiB cermets. By these implications, Fe acts as a sintering aid 
that lowers the required sintering temperature and aids the desired reaction during 
reaction sintering by acting as a wetting agent among the metal powders.  
 
 




3.1.2 Ternary Systems 
 The behavior of the beta phase based on the additions of Fe and Mo makes it 
possible to sinter at a relatively low temperature range of 900˚C to 1300˚C [5,42]. The 
trends demonstrated in the binary systems of Section 3.1.1 are reflected in the ternary 
systems. Figure 3.4 shows the Ti-B-Fe ternary phase diagram at 1200˚C. At this 
processing temperature, the beta-Ti + TiB phase is a narrow processing window before 
liquid phase is created (liquid phase is problematic in electric-field-activated sintering of 
cermets). However, the Ti-B-Mo ternary phase diagram at 1200˚C in Figure 3.5 shows 
how Mo stabilizes the solid beta phase at this temperature. The combination of these two 
effects makes for ease of processing.  
 
 
Fig. 3.4 Ternary Ti-B-Fe phase diagram at 1200˚C. 
current composition 






Fig. 3.5 Ternary Ti-B-Mo phase diagram at 1200˚C. 
 
3.1.3 Quaternary Systems 
3.1.3.1 Optimization of the Fe:Mo Ratio 
 The emphasis of initial experimentation during this research was placed on this 
point: to optimize the ratio of Fe:Mo within a cermet Ti-B-Fe-Mo composition. As a 
starting point, a high end of the cermet range of volume percent reinforcing materials was 
chosen at 70 volume percent TiB. It was determined using the beta-stabilizing principles 
discussed in Section 2.2.3 that at 70 volume percent TiB, if at least 6.4 weight percent of 
the starting powders were beta-stabilizers, they would be sufficient for creating at least a 
metastable beta alloy. The natural question arising from this decision is, “Why not add 
more beta-stabilizers to make the samples fully stable instead of metastable?” Previous 
synthesis of samples in the research group had shown that there is a high risk of forming 
current composition 





undesirable intermetallic compounds with the addition of some beta-stabilizers, 
especially Fe. The Ti-Fe binary phase diagram in Figure 3.3 shows the ubiquitous 
presence of the TiFe phase. Avoiding the formation of this phase was vital to the goals of 
the research.  
Additionally, it was intended that the dual properties of Fe and Mo additions be 
preserved. It is possible that using only Mo as a beta stabilizer would eliminate the 
potential for some intermetallics, but the processing conditions aided by the presence of 
Fe would be lost. It was not in the interest of this research to use only one beta-stabilizer 
and lose this duality. This, then, brought about issues of processing practicality. A 
temperature high enough to achieve full densification of samples was desired, but with 
the presence of Fe, raising the processing temperature increases the risk of liquid phase. 
When sample powders are raised to temperature under the pressure of hydraulic rams 
during electric-field-activated sintering, liquid metal has potential to be pushed out of the 
graphite die, ruining the sample. Thus, the solution was to have a combination of Fe and 
Mo starting powders of high enough weight percent to allow for beta stabilization at least 
in a metastable fashion, but low enough weight percent to avoid intermetallics and 
difficulties in processing.  
After weighing these considerations, the first samples were designed at an 
intended final volume percent of 70 TiB. The Fe:Mo ratio was varied in three variations 
of 40:60, 50:50 and 60:40, by weight. Thermo-Calc was used to design these three 
compositions. This ratio variation was chosen because it varied the beta-stabilizer content 
near the eutectoid point involving the beta-Ti + TiB phase field (see Figure 3.6). This 




Fig. 3.6 Quaternary Ti-B-Fe-Mo phase diagram. TiB is fixed at 70 vol.% and Fe:Mo is 
fixed in a 40:60 wt.% ratio (for every 1 wt.% Fe, there is 1.5 wt.% Mo). 
 
 
possible temperature during the cooling process after sintering, to the end of diminishing 
the occurrence of formation of phases other than beta. Figure 3.6 shows the processing 
parameters of a 70 volume percent TiB, 40:60 Fe:Mo sample. A sintering temperature of 
1473 K was chosen because this was well within the beta phase and near but not above 
the liquidus line. Getting close to the liquidus line during processing was designed to 
increase densification of samples by having near-liquid phase reaction sintering.  
 Figure 3.7 shows the processing parameters of a 70 volume percent TiB, 50:50 
(by weight) Fe:Mo sample. Little of the overall phase diagram appearance changed from 
Figure 3.6, with the exception of a small expansion of the beta-Ti + TiB phase to the right 








Fig. 3.7 Quaternary Ti-B-Fe-Mo phase diagram. TiB is fixed at 70 vol.% and Fe:Mo is 
fixed in a 50:50 wt% ratio (for every 1 wt.% Fe, there is 1 wt.% Mo). 
 
 
This sample composition is closer to the eutectoid point than the sample in Figure 3.6. 
Figure 3.8 shows the processing parameters of a 70 volume percent TiB, 60:40 
(by weight) Fe:Mo sample. The same changes occurred in this sample due to an increase 
in Fe content, namely the small expansion of the beta-Ti + TiB phase to the right, around 
0.07 mass fraction Fe, and an increase in area of the FeTi + alpha-Ti + TiB phase. 
Keeping at the same operating temperature of 1473 K to be consistent among samples 
pushed the processing of this composition very near the liquidus line. There was some 
minute evidence of liquid phase metal being forced out of the die during sample 
processing. The differentiation among products from these three sample designs is 







Fig. 3.8 Quaternary Ti-B-Fe-Mo phase diagram. TiB is fixed at 70 vol.% and Fe:Mo is 
fixed in a 60:40 wt% ratio (for every 1.5 wt.% Fe, there is 1 wt.% Mo). 
 
 
3.1.3.2 Variation of TiB Volume Percent 
 The second stage of design and analysis of a Ti-TiB cermet, predicated upon 
finding an optimal Fe:Mo ratio (by weight), was to vary the TiB volume percent in order 
to achieve a desired morphology and eventually compare trends in mechanical properties. 
A range of 50 to 70 volume percent TiB was targeted. A fixed Fe:Mo ratio of 40:60 by 
weight was chosen based on analysis of morphology in micrographs, as discussed in 
chapter 5. Samples of 50 and 60 volume percent TiB, in addition to the 70 volume 
percent TiB sample of Figure 3.6, were synthesized. Just as in Section 3.1.3.1, these 






sintering of these particular compositions. 
 Figure 3.9 shows the processing parameters of a 60 volume percent TiB, 40:60 
Fe:Mo (by weight) sample. The amount of TiB is lower than the 70 volume percent TiB 
samples and the amount of residual titanium postreaction is higher. Thus, there is a wider 
processing range for the beta-Ti phase. This sample is a little further away from the 
eutectoid point compared to the sample in Figure 3.6, and thus has more chance of 
forming additional phases during processing, such as alpha-Ti. The same sintering 
temperature of 1200˚C was used, as it falls comfortably within the beta-Ti + TiB phase 
field.  
Figure 3.10 shows the processing parameters of a 50 volume percent TiB, 40:60 
(by weight) Fe:Mo sample. Once again, the range at which beta-Ti phase is stable has 
been widened to beyond 10 weight percent Fe. This sample, falling further away from the 
eutectoid point than the sample in Figure 3.9, also runs a slightly higher risk of 
developing unwanted phases. The temperature 1200˚C falls within the beta-Ti phase field 
but still near enough to the liquidus line for good sintering kinetics.  
The remaining scope of this work was based on CALPHAD analysis performed in 
this chapter. Samples were prepared for synthesis and subsequent analysis using the 






Fig. 3.9 Quaternary Ti-B-Fe-Mo phase diagram. TiB is fixed at 60 vol.% and Fe:Mo is 




Fig. 3.10 Quaternary Ti-B-Fe-Mo phase diagram. TiB is fixed at 50 vol.% and Fe:Mo is 













4.1 Powder Preparation 
 High purity Ti powders in the size range of 30 to 40 µm used in this study were 
supplied by Puris, LLC (recently acquired by Carpenter Technology Corporation). TiB2 
powders in the size range of 3 to 5 µm were supplied by Momentive Performance 
Materials. Ti and Fe powders in the size range of 10 to 15 µm were supplied by Alfa 
Aesar. These powders were used as the starting materials for mixing compositions 
according to the CALPHAD designs in Chapter 3.  
 The trimodal size ratio of 3:10:40 (TiB2:Fe/Mo:Ti), as discussed in Section 2.2.2 
was important to optimizing packing density. It is estimated that these size ratios bring 
the maximum packing density to 85% or higher [52,53]. The powders were weighed 
according to design and placed in a stainless steel tumbling canister with side wall lifters 
to assist in tumbling. Ti mixing balls of ¼” diameter were added to assist in 
homogenization of mixing. The canister was placed on a tumbling rack to mix. The 
canister was allowed to fill with atmospheric air as opposed to an inert atmosphere. 
Measurement by the research group using a LECO electrode furnace showed that the 
difference in final oxygen content of post-sintered samples was negligible between 




natural formation of a passivating layer of oxygen on the Ti powders that shields the 
powders so oxygen content changes negligibly during mixing. The sample mixtures of 
the first batch of samples in which optimization of Fe:Mo ratio was being analyzed are 
shown in Table 4.1. 
The second batch of samples in which the effect of changing TiB volume percent 
was analyzed are also contained in Table 4.1. These samples were mixed according to the 
same methods as the previous samples. Included in this study of varying TiB content is 
the first sample entry from the table with the same Fe:Mo ratio of 40:60 by weight. The 
mixtures from this portion of the study were repeated several times during the course of 
the research as more samples were made for mechanical testing. This proved that sample 
synthesis had good repeatability in sintering and mechanical properties. 
 
Table 4.1 Powder proportions and mixture identities for studying the effect of varying 
Fe:Mo wt.% ratio and TiB vol.%. 
 
Name Composition by wt.% Starting Powders 
Powder Mix Name Ti TiB2 Fe Mo 
TiBFeMo, 70 vol.% TiB, 40:60 (wt.%) Fe:Mo 52.6 41.0 2.5 3.8 
TiBFeMo, 70 vol.% TiB, 50:50 (wt.%) Fe:Mo 52.6 41.0 3.2 3.2 
TiBFeMo, 70 vol.% TiB, 60:40 (wt.%) Fe:Mo 52.6 41.0 3.8 2.6 
TiBFeMo, 50 vol.% TiB, 40:60 (wt.%) Fe:Mo 62.8 29.6 3.1 4.6 





4.2 Reaction Sintering 
The reaction sintering process is a vital component of this research process. It 
utilizes the chemical reaction of the mixed starting powders depicted in Equation 4.1. 
β(Ti,X) represents the beta-Ti phase with solid solution elements of Fe and Mo. (Ti,X)B 
represents TiB with possible ternary elements of Fe and Mo making ternary borides.  
(4.1) 
 
 The electric-field-activated sintering equipment used on this project was designed 
by Thermal Technology, LLC (formerly GT Advanced Technologies). The sintering 
process is performed in a chamber under an inert argon atmosphere. The graphite die is 
prepared by lining it with graphite foil. This is to prevent direct reaction between the die 
and the metal powders. The mixed starting powders are poured into the lined die and 
lightly pressed to ensure the powders are in a uniform disk shape. Then graphite plugs are 
placed in the die on the top and bottom of the powder disk, and the whole apparatus 
(lined graphite die, powders, and plugs) is placed inside the sintering chamber between 
the hydraulic rams. A pressure of 5 MPa is immediately applied to the sample in 
preparation for beginning the sintering program.  
 The sintering program is a one-step process of heating, holding at temperature, 
and cooling. The sintering program is a temperature-controlled program. There is a 
thermocouple inserted into the graphite die near the sample powders that monitors the 
temperature at the center of the die. This temperature reading is transferred to the 
monitoring software, which tailors the voltage and current as needed to keep the sample 
at the temperature dictated by the program.  
The temperature versus time profile for part synthesis is shown in Figure 4.1. The 





Fig. 4.1 Temperature versus time sintering profile used for synthesis of samples. 
 
 
samples are heated to the desired sintering temperature of 1200˚C (1473 K), as designed 
from CALPHAD calculations, and at a rate of 50˚C/min. The samples were held at 
temperature for 30 minutes. The 30-minute hold time was designed to ensure that a full 
reaction had taken place as well as full densification. It is possible to sinter a sample with 
no hold time, but results are more variable. Following the hold time, a controlled cooling 
stage began that slow-cooled the samples at a rate of 22.5˚C/min to a temperature of 
800˚C, after which the power was shut off and the sample allowed to air cool as fast as 
possible to room temperature. This slow-cooling was designed to avoid thermal shock to 
the graphite die and sample, which could lead to cracking but may also contribute to the 
formation of unwanted phases, as discussed in Section 2.2.4. 
The pressure versus time profile during synthesis of parts is depicted in Figure 























Fig. 4.2 Pressure versus time sintering profile for synthesis of samples. 
 
 
program, after which a pressure of 10 MPa is applied. The applied pressure is important 
for densification of the samples. The 10 MPa pressure is held constant through both the 
30-minute hold time and the controlled cooling to 800˚C. The air-cooling stage of the 
sintering process is done at the starting pressure of 5 MPa.  
 The effect of the application of pressure can be observed in Figure 4.3. During 
sintering, the hydraulic ram position is monitored. The starting position of the ram is 
somewhat arbitrary because it can be different depending on preparation of the sample 
die. This machine output offers real-time reflection of sintering behavior during the 
sintering process. In the ram displacement curves for all five samples, there is an initial 
thermal expansion followed by the first dip around 1000 seconds when the samples reach 
the transition temperature between the alpha-Ti and beta-Ti phases around 884˚C (see 
Figure 2.1 and Figure 2.6). This phase change and densification continues as the sample 




















Fig. 4.3 Ram position versus time during synthesis of samples. 
 
 
when the sample reaches 1200˚C and 10 MPa pressure is applied. The ram drops quickly 
as the samples immediately densify under pressure. Lastly, another significant 
observation from this graph is that the two samples with higher Fe content (50:50 Fe:Mo 
and 60:40 Fe:Mo) immediately densify almost to completion when the higher pressure is 
applied. This confirms the predictions from CALPHAD calculations that the presence of 
Fe aids in densification during sintering. The samples with 40:60 Fe:Mo ratio took a little 
more time to reach the same level of densification by comparison, which also means the 
hold time during processing is important. Beyond 2500 seconds, all the samples reach 
nearly identical densification according to this figure.  
The temperature versus time curve (Figure 4.1) is reflected in the power versus 
time output, which is depicted in Figure 4.4. The ramp up to temperature shows an 





















70% TiB, 50:50 Fe:Mo
70% TiB, 40:60 Fe:Mo
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Fig. 4.4 Power versus time during synthesis of samples. 
 
 
and the machine adjusts power to maintain temperature during the 30-minute hold time. 
The controlled cooling period is shown by decreasing power usage between about 3300 
seconds and 4300 seconds, after which the power is shut off for the fast cooling stage.  
Following the sintering process, samples are removed from the die and sent to be 
machined to size by electric discharge machining (EDM). It is thermodynamically 
favorable for some of the powders being used to form carbides during sintering when in 
the presence of carbon. Because the powders are sintered in direct contact with graphite 
foil, a layer of carbon compounds forms on the outside of the samples. This carbon layer 
is machined off before samples are cut to shape for microstructural analysis or 
















70% TiB, 50:50 Fe:Mo
70% TiB, 40:60 Fe:Mo
70% TiB, 60:40 Fe:Mo
50% TiB, 40:60 Fe:Mo




4.3 Microstructural Characterization 
 After being EDM machined, samples to be prepared for microstructural 
characterization first underwent a grinding process whereby successive grits of SiC 
grinding papers were used to achieve a fine finish of about 15 µm. The samples were then 
polished to a mirror finish using colloidal silica slurries, the finest of which was 0.3 µm 
in size. Lastly, etching was performed using a modified Krolls reagent containing 
deionized water, hydrofluoric acid, nitric acid, and glycerol for uniform wetting of the 
sample surface.  
 Low magnification characterization of microstructure was performed using 
optical microscopy. High-magnification microscopy was performed using a scanning 
electron microscope (SEM). Typically, the SEM was operated at parameters of 20 kV 
and 15 µA, except where charging of the sample surface became problematic.  
 Phase analysis was performed using X-ray diffraction (XRD) techniques. The 
samples were analyzed using XRD after polishing but before etching, so the change in 
surface topography due to etching would not impact the results. The XRD was 
programmed to assess between the 2θ extremes of 20 and 80 degrees at a step size of 0.02 
degrees and a scanning rate of 2 degrees/min. The X-ray generator was operated at 40 kV 
and 15 mA using Cu Kα radiation.  
 Peaks were indexed according to available XRD indexing cards. Design of TiB 
volume percent and powder mixtures was based on the assumption that all B in TiB2 
reacts during sintering to form TiB. The volume percent of the 50, 60 and 70 volume 
percent TiB samples were verified within acceptable error from XRD diffraction peaks 




method, the intensity peaks of each XRD result are integrated under the assumption of 
the peaks being Gaussian in form. The integrated areas are then used to calculate ratios of 
phases present by volume.  
 
4.4 Mechanical Property Evaluation 
4.4.1 Vickers Hardness 
 Hardness of samples was evaluated using a Vickers microhardness indenting 
system. The samples were hardness tested after polishing and before etching in order to 
avoid measurement error to differences in surface topography. Using established methods 
of Vickers indentation, a square-tipped diamond indenter with a load of 1000 gf was used 
to indent the samples. A calibrated microscope was then used to measure the length of 
both diagonals across the diamond indentation. These two diagonals were averaged to a 
value, d (in mm), which was used along with L (load in kg) to calculate Vickers Hardness 
Number according to Equation 4.2. Vickers hardness is reported in this thesis in units of 
kgf/mm2. 𝑉𝐻𝑁 = 	 J(@ KLM @)NO = 	 J(P.QRSS)NO    (4.2) 
 
4.4.2 Flexural Strength 
 Flexural strength testing was performed in as close accordance as possible with 
the ASTM standard test method for flexural strength in advanced ceramics [65]. This 
standard was designed for used with ceramics and whisker-reinforced ceramics. The 
cermet samples in this study are not considered fully ceramic because of their high 




metallic enough for flexural strength analysis of metals because of the high ceramic 
content. This test method, therefore, was chosen for practicality. It applies to cermets as 
closely as possible and has a sample size requirement that is much easier to adhere to 
than the metallic material size requirement using the sintering method mentioned above.  
 Samples from the 50, 60 and 70 volume percent TiB with 40:60 Fe:Mo (by 
weight) ratio compositions were synthesized for this strength testing. The samples were 
cut to the recommended size of 45 x 3 x 4 mm by EDM machining. The copper-
containing surface melt inherent in EDM machining was ground off with SiC grinding 
papers. As in grinding for microstructural characterization, the samples were ground until 
a flat surface with a finish of 15 µm was obtained. This fine grinding was to ensure that 
crack propagation during testing did not originate from surface scratches but from bulk 
material properties.  
The samples were tested using an MTS load frame and a four-point bending 
configuration designed according to the ASTM standard (Figure 4.5), where L is 40 mm 









rollers in direct contact with the 4 mm-wide faces of the sample bar. The flexural testing 
is a displacement-controlled test in which the sample bar is forced to flex by a controlled 
rate of displacement and the force exerted by the bar back on the rollers is recorded up 
until the point of fracture. The flexural strength, in MPa, was evaluated using Equation 
4.3, where P is force at point of fracture (N), L is outer support span (mm), b is specimen 
width (mm), and d is specimen thickness (mm). 𝑆 = 	 UVJS	WNO             (4.3) 
 Following flexural strength testing of samples, fracture surfaces were 
characterized using the same SEM techniques described in Section 4.3. Probability of 
fracture and Weibull modulus were calculated to characterize materials.  
 
4.4.3 Fracture Toughness 
 In similar fashion to the testing for flexural strength, fracture toughness evaluation 
of materials was performed in as close a fashion as possible to the ASTM standard test 
method for fracture toughness of advanced ceramics [66]. Once again, the test method for 
ceramics applied to these cermets more practically than the metal test method. The testing 
system configuration was very similar to that of flexural strength testing. The same four-
point bending configuration was used (Figure 4.5) and the same MTS load frame.  
 Preparation of samples for toughness testing is more complicated and nontrivial 
compared to flexural strength testing. Fracture toughness testing requires the initiation of 
a small precrack, which falls within a specified range of distance through the thickness of 
the sample. Because these cermets behave as neither ceramics nor metals, slight steps 




 As in Section 4.4.2, samples from the 50, 60, and 70 volume percent TiB with 
40:60 Fe:Mo (by weight) ratio compositions were synthesized for this strength testing. 
Sample bars were cut to the same 45 x 3 x 4 mm size as in flexural testing. Sample 
preparation began by fine grinding to the level described in Section 4.4.2. Once a clean 
surface was obtained, a precrack needed to be initiated. There are several methods of 
precracking the samples allowable in the ASTM standard. This research used the 
precracked beam test specimen method. The initiation of a precrack by this method 
generally has two steps: prepare the surface for cracking by notching or indenting, then 
use a gapped precrack block to force a precrack with compressive force. The simplest 
crack-starting method in the ASTM standard is indentation of sample surface using a 
square Vickers indenter. The indentations must be evenly spaced and one diagonal of the 
indentation must be perpendicular to the side face of the sample. Through trial and error, 
it was found that five indentations in the 3 mm-wide face of the sample bars were 
sufficient for the 70 volume percent samples (Figure 4.6). These samples were then 
placed in a fixture with a 6 mm gapped precrack block and placed under increasing 
compressive force until a “pop-in” sound is heard signaling the rapid connection of a 
precrack linking all the indentations, as depicted in Figure 4.7. The precrack is supposed 
to extend through the width of the sample in the range of 35 to 60% and keep a generally 
straight line, as depicted in Figure 4.8. 
 
















 Because the samples with 50 and 60 volume percent TiB had such high metallic 
content increasing their resistance to precracking, the indentation method used above did 
not work for these samples. Slight adjustments were made to the ASTM methods in order 
to create the necessary precrack in these samples.  
It was decided that a saw notching method would be more effective at initiating a 
crack in these sample bars. Because of the high hardness of TiB, standard machining 
tools such as high-speed steels have difficulty scoring a notch in these samples. It became 
necessary to use EDM machining again to notch these samples. The samples were 
notched with a 0.5 mm notch according to the drawing in Figure 4.9. This notch was 
treated as the indentations were treated in the 70 volume percent composition as a crack 
initiation point.  
Another slight adjustment to the ASTM standard methods came from the needs 
arising from this EDM notch method. After notching, precracking was attempted using 
the 6 mm gapped precrack block without success. The ASTM standard limits the block 
gap to 6 mm, but it was necessary to widen the gap for these cermet samples in order to 
increase the bending moment at the bar notch. Therefore, a precrack block with an 8 mm 
gap was designed as depicted in Figure 4.10. In order to precrack, the notched section of 
the bar is placed downward facing the gap in the block. When uniaxial compressive force 
is applied, the notch is forced open, initiating a crack. The resulting cracks appeared as 
depicted in Figure 4.11. 
Once precracks were obtained in all the compositions, the cracks were infiltrated 
with magnaflux dye (mixed in a ratio of 1.5 DI water: 1 magnaflux). This was for the 






Fig. 4.9 EDM notch dimensions of fracture toughness specimen (mm). 
 
 








 The four-point testing configuration for fracture toughness has two variations 
from the parameters for flexural strength testing: the sample is tested with the narrower 3 
mm side in direct contact with the rollers so the precrack can grow in line with the 
direction of force application, and the displacement-controlled testing rate is different. 
Samples are placed between rollers (similar to Figure 4.5) and uniaxial force is applied 
and the force the sample exerts in resistance is recorded until complete fracture of 
sample. After fracture, optical micrographs of the dyed fracture surfaces were taken and 
ImageJ pixel-measurement software was used to measure the distance the precrack front 
traveled through the sample initially. An example of the dyed fracture surface is depicted 
in Figure 4.12. This measurement is used for calculation of toughness. 
 
 









 The equations used for calculation of fracture toughness in four-point bending 
came from the ASTM standard [66]. Equation 4.4 is the fracture toughness calculation 
and Equation 4.5 is a parameter calculation used in Equation 4.4, which depends on the 
calculated length of the precrack through the sample. KIpb is fracture toughness (MPa√m), 
Pmax is the maximum load observed before fracture (N), S0 is outer span of rollers (m), S1 
is inner span of rollers (m), B is width of the bar perpendicular to crack depth (m), W is 
depth of the bar parallel to crack depth (m), and a is crack length measured from 
micrograph (m). 𝐾YZW = 𝑓 V\]^ _`a_b Pcdefgh/O U[j g]b/O@ Paj g b/O       (4.4)  𝑓 = 1.9887 − 1.326[𝑎 𝑊] − [U.Snac.oQ j g pP.UR[j/g]O][j g][Pa[j g]][Pp j g ]O     (4.5)






RESULTS AND DISCUSSION 
 
5.1 Density 
 After sintering, specimens were EDM-cut to remove surface carbide layers and 
density tests were performed on all samples. The density was measured by the 
Archimedes method of measuring displacement of water by the volume of the sample. 
The results are shown in Table 5.1. It can be seen that all five compositions of this study 
had a final sintered density of 97% or above. Taking into consideration that there is a 
possibility of small error in using the Archimedes method, it was assumed for the sake of 
this study that all of the samples are completely densified. The reaction design of Section 
4.2 proved sufficient for densification. Additionally, mechanical testing results showed 




5.2.1 Optimization of Fe:Mo Ratio 
 Optimization of the Fe:Mo ratio was investigated by microstructural analysis. The 
aim of this facet of the project was to determine which combination of beta-stabilizing 




Table 5.1 Density measurements of powder mixtures after sintering. 




Name Ti TiB2 Fe Mo 
Measured 
(Archimedes) Theoretical % 
TiBFeMo, 70 
vol.% TiB, 50:50 
(wt.%) Fe:Mo 
52.6 41 3.2 3.2 4.68 4.80 97.5 
TiBFeMo, 70 
vol.% TiB, 40:60 
(wt.%) Fe:Mo 
52.6 41 2.5 3.8 4.69 4.81 97.5 
TiBFeMo, 70 
vol.% TiB, 60:40 
(wt.%) Fe:Mo 
52.6 41 3.8 2.6 4.67 4.78 97.7 
TiBFeMo, 50 
vol.% TiB, 40:60 
(wt.%) Fe:Mo 
62.8 29.6 3.1 4.6 4.72 4.87 96.9 
TiBFeMo, 60 
vol.% TiB, 40:60 
(wt.%) Fe:Mo 
57.5 35.5 2.8 4.2 4.70 4.84 97.1 
 
 
instance would have the most uniform distribution of phases which would make the 
mechanical properties of this system the most controllable.  
 
5.2.1.1 Micrographs 
 The three Fe:Mo ratios (by weight) being investigated were 40:60, 50:50, and 
60:40, which were discussed thoroughly in previous sections. Micrographs were taken of 
samples from each of the three ratios in order to better understand the formation of 
morphology among the different ratios. Low and high magnification optical micrographs 
of these samples are shown in Figure 5.1 and 5.2.  
 Figure 5.1 and 5.2 add second witness to Table 5.1 that the samples are fully 







Fig. 5.1 100x optical micrographs of Ti-B-Fe-Mo sample microstructures that have 
roughly 70 vol% TiB phase in a beta titanium matrix with 6.4 wt.% beta-stabilizer: (a) 70 
vol.% TiB, 50:50 wt.% Fe:Mo (b) 70 vol.% TiB, 40:60 wt.% Fe:Mo (c) 70 vol.% TiB, 











Fig. 5.2 500x and 1000x SEM micrographs of Ti-B-Fe-Mo sample microstructures that 
have roughly 70 vol% TiB phase in a beta titanium matrix with 6.4 wt.% beta-stabilizer: 
(a,b) 70 vol.% TiB, 50:50 wt.% Fe:Mo (c,d) 70 vol.% TiB, 40:60 wt.% Fe:Mo (e,f) 70 
















seen among the different Fe:Mo ratios. Sample alloys with 50:50 and 60:40 by weight 
Fe:Mo ratios in (a) and (c) of Figure 5.1 and (a,b) and (e,f) of Figure 5.2 show smaller 
whiskers clustered around larger titanium matrix grains. These clusters of small whiskers 
interspersed with large grains of matrix material are less ideal because the uneven 
distribution of matrix material would lead to a lapse in toughness. Part (b) of Figure 5.1 
and part (c,d) of Figure 5.2 shows that the Fe:Mo ratio of 40:60 by weight promotes more 
even and optimal whisker and matrix material distribution. 
 
5.2.1.2 XRD Results 
The XRD results from this test series in Figure 5.3 show that there was a complete 
sintering reaction, and there are no residual TiB2 peaks. There is a small percentage of 
alpha-Ti peaks appearing, which would indicate that the effect of slow-cooling on the 
metastable alloys did lead to the formation of phases other than beta-Ti. However, there 
is no indication that intermetallics such as FeTi developed during the sintering reaction.  
 It can be observed in Figure 5.4 that the β-Ti peaks are showing a consistent shift 
to the right as Fe content is increased. The lattice d-spacing in β-Ti is decreasing as Fe 
content is increased. As the beta-Ti peak shifts to overlap the alpha-Ti (101) peak, these 
beta-Ti peaks may be masking a higher alpha-Ti peak than can be observed at the surface. 
 It was determined from these micrographs and XRD scans that the 70 volume 
percent TiB, 40:60 Fe:Mo ratio (by weight) sample showed the best microstructure. It 
showed the most even distribution of Ti particles within the network clusters of TiB 
nanowhiskers. This even distribution is important for impeding the progress of cracks 






































































Fig. 5.4 XRD peak shifts from (a) 70 vol.% TiB, 60:40 wt.% Fe:Mo, (b) 70 vol.% TiB, 
50:50 wt.% Fe:Mo, (c) 70 vol.% TiB, 40:60 wt.% Fe:Mo. 
 
 
contains the desired characteristics of having beta-Ti phases heavily bridged by larger 
TiB whiskers. This is a designed strengthening mechanism that stems from the growth 
kinetics of TiB whiskers during reaction (see Figure 2.4).  
 
5.2.2 Variation of TiB Volume Percent 
 Having decided on the best Fe:Mo ratio (40:60 by weight), TiB volume percent 
was varied with the end goal of comparing mechanical properties among the samples 
with different amounts of reinforcing TiB. Samples of 50 and 60 volume percent TiB 


















































Microstructural characterization and XRD analysis were also performed on these samples 
to aid in comparison. 
 
5.2.2.1 Micrographs 
 Micrographs of the 50, 60, and 70 volume percent samples with 40:60 Fe:Mo 
ratio by weight were captured using optical microscopy and SEM microscopy. These 
samples are compared in Figure 5.5 and 5.6. 
Figure 5.5 and 5.6 show, as expected, that there is a noticeable increase in the 
volume percent of beta-Ti phase as volume percent TiB is decreased. The pockets of 
beta-Ti surrounded by whiskers become noticeably larger and form visible grain 
boundaries in the 50 and 60 volume percent samples. Whisker size within the beta-Ti 
phase is generally larger as volume percent TiB is decreased. This is due to the 
mechanism described in Figure 2.4 that demonstrates that as Ti content is increased, there 
is more driving force for the reaction of TiB2 growing into TiB whiskers. The lower B 
content also means there are fewer whiskers that impede the progress of neighboring 
whisker growth. Thus, it is easier for the sample to form larger TiB whiskers at the edges 
of the beta-Ti grains during synthesis. 
As established in Section 5.2.1, the 40:60 Fe:Mo ratio (by weight) leads to an 
even distribution of Ti grains within the TiB clusters. This pattern can be observed in all 








Fig. 5.5 100x Optical micrographs of Ti-B-Fe-Mo sample microstructures that have 6.4 
wt.% beta-stabilizer: (a) 50 vol.% TiB, 40:60 wt.% Fe:Mo (b) 60 vol.% TiB, 40:60 wt.% 










Fig. 5.6 500x and 1000x SEM micrographs of Ti-B-Fe-Mo sample microstructures that 
have 6.4 wt.% beta-stabilizer: (a,b) 50 vol.% TiB, 40:60 wt.% Fe:Mo (c,d) 60 vol.% TiB, 


















5.2.2.2 XRD Results 
Figure 5.7 shows that just as with samples from the previous section, no residual 
TiB2 peaks remain, so the TiB2 starting powders reacted completely during sintering. 
There is, however, a prominent alpha-Ti peak around 39º. When the sample sets are 
normalized among their individual data sets, it seems that the alpha-Ti peak is more 
prominent in the 70 volume percent sample and becomes less prominent as TiB content is 
reduced. Again, the formation of alpha is possibly due to a slow cooling rate. The trend 
of reduction in alpha-Ti peak with reducing TiB content may speak to the behavior of the 
beta-stabilizers during sintering. It is possible that as TiB content is highest as in the 70 
volume percent sample, there is a higher driving force for Fe and Mo to be bonded with 
TiB to make ternary (Ti,X)B borides. As Fe and Mo go into TiB, there is less beta-
stabilizer than intended remaining in the Ti grains, which reduces the stabilization of the 
beta-Ti phase. Figure 5.8 shows that there is a right shift in the β-Ti peaks as TiB content 
is increased. Thus, the lattice d-spacing of the β-Ti phase is decreasing as TiB content is 
increased. 
 
5.3 Behavior of Fe and Mo 
 The XRD results of the previous section imply that there is some 
possibility of Fe and Mo being absorbed into the TiB phase to create (Ti,X)B ternary 
borides. To further analyze the behavior of these beta-stabilizers during sintering, 
analysis was performed using wave dispersive spectroscopy (WDS). This method was 
chosen because it has the ability to characterize elements of low atomic number, such as 






































































Fig. 5.8 XRD peak shifts from (a) 50 vol.% TiB, 40:60 wt.% Fe:Mo (b) 60 vol.% TiB, 
40:60 wt.% Fe:Mo (c) 70 vol.% TiB, 40:60 wt.% Fe:Mo. 
 
 
microscope. Energy dispersive spectroscopy (EDS) was performed on these samples, but 
it was unsuccessfully used to determine if Fe and Mo were being bonded in a ternary 
boride phase because of its limitations with B. The results of WDS analysis on the five 
sample combinations designed in Section 4.1 are contained in Table 5.2. 
The most obvious trend shown in Table 5.2 is that Mo has almost as high of an 
affinity for the TiB phase as it does for the beta-Ti phase. With these results, we can 
safely conclude that TiBMo ternary borides or MoB borides are present in these samples. 
The table also shows that Fe has a very low tendency to form borides compared to Mo, 
and Fe is found in higher quantity in the beta-Ti phase than Mo. A note on Table 5.2: the 


















































Table 5.2 WDS results for Ti and TiB phases of each composition. 
Sample Identity Phase 
wt% element 
Ti B Fe Mo 
TiBFeMo, 70 vol.% 
TiB, 50:50 (wt.%) 
Fe:Mo 
TiB Whisker 79.1 17.3 0.7 3.2 
β-Ti Matrix 83.5 0.4 9.8 3.8 
TiBFeMo, 70 vol.% 
TiB, 40:60 (wt.%) 
Fe:Mo 
TiB Whisker 77.5 17.7 0.2 2.8 
β-Ti Matrix 83.1 0.1 8.0 5.4 
TiBFeMo, 70 vol.% 
TiB, 60:40 (wt.%) 
Fe:Mo 
TiB Whisker 79.6 18.4 1.1 2.6 
β-Ti Matrix 82.5 0.0 12.1 3.0 
TiBFeMo, 50 vol.% 
TiB, 40:60 (wt.%) 
Fe:Mo 
TiB Whisker 79.7 16.3 0.9 2.6 
β-Ti Matrix 85.7 0.0 5.9 5.7 
TiBFeMo, 60 vol.% 
TiB, 40:60 (wt.%) 
Fe:Mo 
TiB Whisker 79.8 18.5 0.4 3.6 
β-Ti Matrix 85.0 0.0 7.2 5.6 
 
 
includes elements not specifically searched for but that are present in nominal quantity, 
such as O and C.  
The trends highlighted in the table are further solidified by the WDS maps of the 
same samples. Example maps are shown in Figure 5.9. Part (a) of the figure maps the B 
content detected during mapping. A distinct microstructure is observable containing beta- 
Ti regions (black) surrounded by TiB whisker formations (white). The Fe map in part (b) 
is in the same location, but the same microstructure appears in almost completely 
opposite contrast. This is because the Fe atoms are preferentially staying within the Ti 
grains. Mo, conversely, is distributed through both beta-Ti and TiB phases. The majority 
of Mo counts still fall within the Ti grains, but there is a significant amount of Mo being 
registered in the boride phase. Table 5.2 and Figure 5.9 both demonstrate again that the 







Fig. 5.9 WDS maps of a Ti-B-Fe-Mo sample. (a) map of B distribution, (b) map of Fe 







the whisker phase point to a fully TiB stoichiometry. 
 
5.4 Hardness 
Because these composite materials have surface microstructures of both hard and 
soft phases and the indenter could fall on either phase or a combination of the two, at 
least fifteen indentations were made on each sample in order to obtain a reasonable 
average. 
 
5.4.1 As-sintered Sample Hardness 
Table 5.3 shows the sample hardness in Vickers hardness values. These are the 
hardness values of the samples directly after sintering. The hardness values are far below 
the theoretical hardness of nearly monolithic TiB in the range of 1600 kgf/mm2 [5] 
because of the high volume percent of beta-Ti. However, it seems that the hardness does 
not change linearly with change in TiB volume percent. There is a jump to a higher range 
of hardness as samples go from 60 to 70 volume percent TiB. This may be due to a 
difference in microstructure, such as a change from micro- to nanoscale size of TiB 
whiskers.  
 
5.4.2 Sample Hardness after Heat Treatment 
A simple heat treatment regime for these samples was proposed in Section 2.2.4. 
Following this heat treatment, samples were polished and tested for changes in hardness. 
The results are shown in Table 5.4. The 70 volume percent sample is of similar hardness 










TiBFeMo, 70 vol.% TiB, 
50:50 (wt.%) Fe:Mo 1207 ± 121 
TiBFeMo, 70 vol.% TiB, 
40:60 (wt.%) Fe:Mo 1089 ± 163 
TiBFeMo, 70 vol.% TiB, 
60:40 (wt.%) Fe:Mo 1140 ± 111 
TiBFeMo, 60 vol.% TiB, 
40:60 (wt.%) Fe:Mo 856 ± 124 
TiBFeMo, 50 vol.% TiB, 
40:60 (wt.%) Fe:Mo 752 ± 80 
 





TiBFeMo, 70 vol.% TiB, 
40:60 (wt.%) Fe:Mo 1055 ± 202 
TiBFeMo, 60 vol.% TiB, 
40:60 (wt.%) Fe:Mo 950 ± 135 
TiBFeMo, 50 vol.% TiB, 






average hardness increase of about 100 kgf/mm2. 
However, the increases in mean hardness may not be significant when viewed 
with a statistical range as in Figure 5.10. The average hardness did seem to increase due 
to heat treatment, but the range of hardness values also enlarged with increasing standard 
deviation. Therefore, dubious emphasis should be placed on the increase in hardness 
values due to heat treatment. It can be safely concluded, however, that a 70 volume 
percent TiB sample can easily achieve hardness values of around 1100 kgf/mm2. 
 
5.5 Flexural Strength 
Flexural testing was performed in accordance with the methods described in 
Section 4.4.2. Samples were evaluated before and after heat treatment for comparison of 
properties.  
 
Fig. 5.10 Box and whisker plots of sample hardness before and after heat treatment. 
Average mean values are located to the right of each box. 
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Fe:Mo ratio, HT
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5.5.1 As-sintered Flexural Strength 
5.5.1.1 Strength Evaluation 
 The flexural strength was evaluated in sample sets of 10. 50, 60, and 70 volume 
percent TiB samples were tested. The results are contained in Table 5.5. All samples 
fractured in acceptable fashion according to the ASTM standard [65]. 
Probability of fracture and Weibull modulus calculations were performed on these 
sample sets. Characteristic strength of bulk material and Weibull modulus were 
calculated as shown in Figure 5.11. 
It can be readily observed from Figure 5.11 that there is some inconsistency 
among the strength properties of the materials with different TiB content. The maximum 
flexural strength observed among all the samples was found in the 50 volume percent TiB 
sample (1013 MPa). It is expected that this would be the case because it has a larger 
fraction of metallic phase, which means it should have a higher capability for 
strengthening by the metal phase. However, the expected trend of increasing strength by 
increasing beta-Ti volume content was inconsistent beyond this point. The results show  
 





TiBFeMo, 70 vol.% TiB, 
40:60 (wt.%) Fe:Mo 906 ± 69 
TiBFeMo, 60 vol.% TiB, 
40:60 (wt.%) Fe:Mo 826 ± 84 
TiBFeMo, 50 vol.% TiB, 















































































































that the 50 and 70 volume percent TiB samples had very similar strengths, while the 60 
TiB volume percent samples had the lowest strength.  
Consistency among sample groups, as indicated by the Weibull modulus and 
range between maximum and minimum strength failures, was highest with the 50 volume 
percent TiB samples with a Weibull modulus of 24.8. The other sample groups showed 
less consistent results, with larger spread between maximum and minimum strengths and 
lower Weibull moduli.  
 The 60 TiB volume percent sample was the most surprising, with a strength as 
low as 666 MPa, and a characteristic strength of almost 100 MPa less than the other two 
sample sets. In order to investigate the cause of this inconsistent behavior, fracture 
surfaces were analyzed. It should be noted that these measured strength values are an 
improvement in strength of several hundred MPa over some previous studies [7]. 
 
5.5.1.2 Fracture Surface Analysis 
 Analysis of fracture surfaces was revealing pertaining to the inconsistent strength 
behavior of the sample sets. Madtha et al. [53] discovered during synthesis of Ti-TiB 
composites that strength properties were affected by the presence of unwanted inclusions 
such as Ca, O, and C. In their work, these inclusions were identified using a scanning 
electron microscope to be crack initiation sites.  
 Following the same methods, the fracture surfaces of strength specimens were 
characterized. Energy dispersive spectroscopy (EDS) was also used to identify which 
compounds were appearing at crack initiation sites. The results are shown below.  




Figure 5.12 and 5.13. EDS mapping shows that these particles are a compound of B and 
C. Because no B-C compounds were intended in powder mixtures, it is speculated that 
these particles remain from powder manufacturing processes of the TiB2 powders. These 
particles were found to be the points of crack origin because of the round fracture pattern 
seen extending in all directions from these particles. These particles were not very 
common in the samples and were located randomly through the bulk of the sample. They 
caused failure when they were located near the tensile surface of the sample during 
bending.  
The far more common inclusion causing failure was found to contain Ca-O 
compounds, as shown in Figure 5.14 and 5.15. These brittle particles always appeared 
ruptured with large cracks, indicating their easy failure under bending stresses. The same 
360 degree fracture pattern extends from these particles as the B-C particles from Figure 
5.12. These Ca-O particles were found at all depths through the samples. In fact, one Ca-
O particle caused failure about 200 µm from the tensile surface of the sample. This 
distribution through the bulk of the sample implies that these inclusion particles were 
added to the material as part of the original metal powders, as opposed to diffusion from 
the surface of the sample, for example. ICP analysis showed the presence of Ca in the 
Puris Ti powders in low but significant amounts (0.13 weight percent). 
Both types of inclusion particles varied in size and distance from the tensile 
surface of the sample. The size, distance from tensile surface, and type of inclusion all 
played a role in altering the fracture strength of the materials. Table 5.6 shows these 























































































1 875 67 42 B, C 
2 911 38 18 Ca, O, C 
3 932 27 82 Ca, O 
4 953 48 160 B, C, Ca 
5 962 25 78 Ca, O, C 
6 964 17 200 Ca, O 






1 666 90 0 B, C, Ca, O 
2 692 89 0 B, C, O 
3 773 42 5 Ti, C 
4 833 26 7 Ca, O 
5 862 44 61 B, O, C, Ca 
6 865 28 89 Ca, O 
7 910 40 172 Ca, O 






1 799 27 0 Ti, B, Ca, O 
2 861 14 0 Ti, O 
3 897 49 112 Ca, O 
4 921 16 31 Ca, O 
5 944 31 45 Ca, O 
6 972 10 35 Ca, O, C 
7 979 29 54 Ca, O 






5.5.2 Flexural Strength after Heat Treatment 
After heat treatment of samples, according to the regime proposed in Section 
2.2.4, test bars were prepared for strength testing by the same grinding methods as before.  
A surface oxide layer formed during heat treatment needed to be removed in addition to 
the Cu-containing layer deposited by EDM machining.  
 
5.5.2.1 Strength Evaluation 
 Sample sets were smaller than those tested before heat treatment, which excluded 
the possibility of valid Weibull modulus calculations. However, average flexural strength 
of the differing compositions is shown in Table 5.7. 
Table 5.7 reflects something of the trend in change in strength expected from 
changing the volume percent of TiB, which was not easily observed before heat 
treatment. According to these samples after heat treatment, increasing the volume percent 
of TiB by 10% causes a reduction in flexural strength of about 250 MPa.  
 This consistency in behavior may imply that the inclusions that caused such 
inconsistent behavior before heat treatment may not be playing as large of a role after 
heat treatment. 
 
5.5.2.2 Fracture Surface Analysis 
 Fracture surfaces of the heat-treated flexural strength samples were analyzed 
using the same SEM and EDS techniques. Typical results are shown below. 
 Figure 5.16 shows a sample that had crack initiation near the tensile surface which 




Table 5.7 Average flexural strength of samples after heat treatment. 





TiBFeMo, 70 vol.% TiB, 
40:60 (wt.%) Fe:Mo 375 ± 29 
TiBFeMo, 60 vol.% TiB, 
40:60 (wt.%) Fe:Mo 612 ± 73 
TiBFeMo, 50 vol.% TiB, 











set which had low flexural strength around 375 MPa. It was clear that this was the point 
of crack initiation due to the directional cracking patterns radiating out from the central 
point. It was also apparent that no obvious inclusion particle was the cause of this fracture 
at low strength. It must be concluded, then, that strengthening of the materials by their 
bulk properties was altered during heat treatment.  
 The strongest factor affecting strength in these materials after heat treatment 
seems to originate from bulk properties of the material, and determination of flexural 
strength is not dictated exclusively by inclusion particles, as was the case before heat 
treatment. However, the presence of inclusion particles is not nonexistent, as exhibited in 
Figure 5.17. In this sample and a few others among the sample sets, an inclusion 
containing a primarily Ca-O compound was again found to be the site of crack initiation.  
 
5.6 Fracture Toughness 
 Fracture toughness of samples of varying TiB volume percent was determined 
according the methods described in Section 4.4.3. Just as with flexural strength analysis, 
 
 





samples were evaluated before and after heat treatment for comparison of properties. 
 
5.6.1 As-sintered Fracture Toughness 
5.6.1.1 Fracture Toughness Evaluation 
 The fracture toughness was evaluated in sample sets of six. 50, 60, and 70 volume 
percent TiB samples were tested. The results are contained in Table 5.8. All samples 
fractured in acceptable fashion according to the ASTM standard [66]. 
The pattern created by these fracture toughness tests is that toughness of samples 
increases as the volume fraction of beta-Ti is increased. This was the expected result, as 
fracture toughness is a measure of energy absorption during crack propagation and a 
larger amount of ductile phase provides more ability for the material to absorb energy. 
However, the trend is not linear. The fracture toughness increases by 5 MPa√m between 
70 and 60 volume percent TiB, but only 2 MPa√m between 60 and 50 volume percent 
TiB. In these cermets, incremental increases in metal content seem to have larger effects 
on toughness when the material has a higher ceramic content.  
 








TiBFeMo, 70 vol.% TiB, 
40:60 (wt.%) Fe:Mo 10.5 ± 0.2 1089 ± 163 
TiBFeMo, 60 vol.% TiB, 
40:60 (wt.%) Fe:Mo 15.4 ± 0.5 856 ± 124 
TiBFeMo, 50 vol.% TiB, 




5.6.1.2 Fracture Surface Analysis 
Analysis of fracture behavior during toughness testing was performed by fracture 
surface analysis with a scanning electron microscope. Crack propagation through both 
TiB and beta-Ti phases was characterized. 
 Figure 5.18 highlights the behavior of the 70 volume percent sample. Clusters of 
TiB bound by beta-Ti bridged the gap that the crack was extending through, bonding 
strength between beta-Ti and TiB resisted pullout of TiB whiskers from the beta-Ti 
grains during crack propagation, and the beta-Ti phase forced crack propagation through 
various planes. All these behaviors contributed to resistance to crack growth and 
increased toughness measurements. 
In Figure 5.19, the 60 volume percent TiB samples showed similar characteristics 
to the 70 volume percent TiB samples. There were TiB clusters bound by beta-Ti 
protruding from the fracture surface as bridging mechanisms during fracture. The TiB 
whiskers around these protrusions seem to absorb large amounts of energy and exhibited 
cracking. TiB whisker pullout from the beta-Ti phase seemed to be a little different from 
the 70 volume percent samples because the pullout surfaces showed little deformation. 
This might indicate that the bonding between TiB whiskers and beta-Ti was not quite as 
strong.  
The 50 volume percent TiB samples showed similar whisker pullout properties to 
the 60 volume percent TiB samples. There was little deformation in the beta-Ti grains 
from whisker pullout, indicating that debonding did not consume as much energy as the 
70 volume percent TiB samples. Because of the presence of a larger amount of ductile 
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TiB whiskers. Clusters of nanoscale TiB whiskers developed large fissures as the crack 
propagated through the bar. There is more evidence of large TiB whiskers embedded in 
and strengthening the beta-Ti phase compared to the other compositions. This is 
primarily due to the different formation of morphology, as discussed in Section 2.2.2. 
The SEM analysis of 50 volume percent TiB samples confirms the increase in toughening 
by increase of ductile metal phase. These points can be observed in Figure 5.20. 
 
5.6.2 Fracture Toughness after Heat Treatment 
 The samples with 50, 60, and 70 volume percent TiB were heat treated according 
to Section 2.2.4 and prepared for testing in the same fashion as samples in Section 5.6.1. 
 
5.6.2.1 Fracture Toughness Evaluation 
 Average fracture toughness values after heat treatment are recorded in Table 5.9. 
They demonstrate an increase in toughness between 6 and 9% among the different 
compositions due to heat treatment. 
 The heat treatment was supposed to reduce the formation of unwanted phases that 
might deteriorate mechanical properties. The heat treatment succeeded at increasing the 
toughness of the samples, but at the expense of flexural strength. The first step in 



























Table 5.9 Average fracture toughness of samples after heat treatment. 








TiBFeMo, 70 vol.% TiB, 
40:60 (wt.%) Fe:Mo 11.4 ± 0.3 1055 ± 202 
TiBFeMo, 60 vol.% TiB, 
40:60 (wt.%) Fe:Mo 16.3 ± 0.6 950 ± 135 
TiBFeMo, 50 vol.% TiB, 
40:60 (wt.%) Fe:Mo 19.4 ± 0.5 836 ± 141 
 
 
5.6.2.2 Fracture Surface Analysis 
 The fracture surface analysis of heat treated toughness samples is shown in Figure 
5.21, 5.22, and 5.23. In general, the beta-Ti appeared to have a slightly higher stiffness 
than before heat treatment, while still exhibiting some ductile behavior.  
 The largest observable difference in the samples after heat treatment is the 
different behavior of the beta-Ti phase. After fracture, the beta-Ti grains appeared as 
elevated islands standing out from the rest of the surface. At the edge of these islands 
were sharp cleavage fractures. The fracture patterns through the beta-Ti traveled in 
straighter lines than before heat treatment. Deformation from pullout of TiB whiskers 
was less ductile than before heat treatment. All of these indications point to a stiffer 
behavior of the beta-Ti phase.  
 The most likely cause of this change in behavior is the heat treatment regime. The 
samples were water-quenched from 1273 K to room temperature in fractions of a second. 
This rapid rate of cooling would lead to dimensional contraction of the bars and 







Fig. 5.21 Fracture toughness surface analysis of 70 vol.% TiB, 40:60 wt.% Fe:Mo sample 






















Fig. 5.22 Fracture toughness surface analysis of 60 vol.% TiB, 40:60 wt.% Fe:Mo sample 





















Fig. 5.23 Fracture toughness surface analysis of 50 vol.% TiB, 40:60 wt.% Fe:Mo sample 
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hexagonal crystal structure [67]. Introducing these changes into the beta-Ti phase would 
account for its increase in stiffness as seemed to be apparent in the micrographs. This 
would also help explain the fracture toughness increase. A metallic phase with dual 
hexagonal and bcc structures would help prevent the propagation of cracks by forcing 
cracks to move through many alternating structures, thereby impeding their progress. 
However, the decrease in flexural strength by the same changes is concerning. While 
toughness increased, the reduction in strength was dramatic in some samples. If athermal 
omega phase was formed (which further analysis beyond the scope of this thesis will  
determine), then a non-close-packed hexagonal phase among the beta-Ti structures would 
be detrimental to strength properties. The change in strength and toughness properties 
before and after heat treatment is depicted in Figure 5.24. 
It is possible that an annealing or ageing step could be added to the heat treatment 
regime to improve strength properties, but this would have to be investigated carefully, 
because ageing could introduce isothermal omega phase into the metal grains, which 
could defeat the purpose of the initial heat treatment.  
 
5.7 Cermet property comparison 
 This section contains a brief comparison of mechanical properties of some 
common cermets and the Ti-TiB cermets discussed in this project. The comparison is by 
no means exhaustive, but offers some context to the value of the materials synthesized in 
this project based on their mechanical properties. The comparison is shown in Table 5.10. 
In comparison to some former work with Ti-TiB composites, the samples tested 
in this project showed similar hardness, but an improvement in flexural strength and 
96 
Fig. 5.24 Comparison of strength and toughness of samples before and after heat 
treatment.  















TiB-Ti 0.4 772 193 6.1 [7] 
TiB-Ti 0.5 800* 449 6.2* [7] 
WC-Co 0.8 1950 - 8 [19] 
TiC-TiN-WC-Co 0.8 1475 - 16.5 [24] 
Ti(C,N)-(Mo,Ni,Co) 0.9 1900 1200 6 [26] 
TiB2-W 0.7 2500 700 8 [39] 
TiB-Ti 0.5 752 941 17.8 Experimental 
TiB-Ti 0.6 856 826 15.4 Experimental 
TiB-Ti 0.7 1090 906 10.5 Experimental 
*extrapolated from trends in reported data
70 vol% TiB, 
40:60 Fe:Mo ratio
60 vol% TiB, 
40:60 Fe:Mo ratio































fracture toughness. This is due to the stabilization of the beta-Ti phase, which improves 
bulk properties over composites with alpha-Ti. When compared to other types of cermets, 
the most noticeable advantage of Ti-TiB cermets is high fracture toughness. The samples 
in this project achieved high relative toughness while still maintaining competitive 
flexural strength and hardness. This balance of properties makes Ti-TiB cermets with 
stabilized beta-Ti phase attractive candidates for current applications of cermets. 
CHAPTER 6 
CONCLUSIONS 
6.1 Research Objectives 
One of the primary objectives of this research, to successfully synthesize Ti-TiB 
materials in the cermet range using powder metallurgy techniques, was accomplished. All 
the samples analyzed in this study were fully dense and free of pores. The density was 
confirmed by analysis of fracture surfaces that showed that crack initiation in samples 
started from sites other than pores.  
Electric-field-activated sintering was successfully utilized for this synthesis at a 
relatively low operating temperature of 1200˚C. Reaction sintering by design created 
two-phase microstructures from the mixture of Ti, Fe, Mo, and TiB2 powders. XRD 
analysis confirmed that there was no residual TiB2 after sintering, so the reaction 
proceeded to completion. It was proven that the desired microstructure of these cermets 
can be achieved by one fast sintering step. XRD also confirmed that beta-stabilization 
was achieved by the additions of Fe and Mo beta-stabilizing powders, with the exception 
of a minimal presence of alpha-Ti phase, which may be minimized further by a heat 
treatment.   
Full density and stabilization of the beta-Ti phase was consistent among 
compositions of varying TiB volume percent. With these factors consistent, it was then 
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possible to evaluate mechanical properties of the different compositions with accuracy. 
Hardness, flexural strength, and fracture toughness were all recorded at levels at least 
comparable to and often exceeding the performance of other cermets.  
The successful synthesis of samples was due to the CALPHAD design performed 
before mixing of powder compositions. Compositions were designed to allow for the full 
stabilization of the beta-Ti phase while avoiding the formation of intermetallic 
compounds. The sintering temperature of 1200˚C chosen using CALPHAD modeling 
proved to be a high enough temperature to aid consolidation and solidification kinetics in 
order to ensure densification.  
Lastly, it was shown that mechanical properties of the bulk materials can be 
altered by the implementation of a simple heat treatment. Toughness was improved up to 
9% by this method.  
6.2 Future Work 
During the course of this work, doors for future investigations into material 
properties were opened. One strong possibility for improvement of properties, in 
particular flexural strength, is the removal of inclusion particles. Strength above 1000 
MPa could potentially be achieved in 50, 60, and 70 volume percent TiB cermets if Ca-O 
particles were removed.  
The work presented in Section 5.3 highlights the formation of ternary (Ti,X)B 
boride compounds during sintering. There is yet to be work done on the effects of ternary 
(Ti,X)B borides in comparison to TiB borides on the mechanical properties of Ti-TiB 
cermets. This presents a future need for the project. 
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One occurrence that needs more investigation was the large decrease in flexural 
strength due to heat treatment. It was speculated that the creation of internal stresses and 
athermal omega precipitates in the beta-Ti phase due to fast quenching may have 
contributed to this phenomenon, but more work is needed for verification. The first step 
toward an answer would be microstructural investigation. Microscopy backed by XRD 
analysis would verify which phases are present and if any unwanted phases have formed 
to alter properties. 
Another direction that is worth investigation is further CALPHAD analysis to 
design a fully stable beta-Ti phase as opposed to the metastable beta-Ti in this research. 
A metastable alloy was designed in order to avoid adding too much beta-stabilizer, which 
would form intermetallic compounds. However, it may be possible to push the beta-
stabilizer content up to a point before forming intermetallics. This would reduce the 
formation of alpha-Ti and possibly eliminate the need for a heat treatment. This 
possibility was not researched extensively in this project.  
Lastly, it will be important in the future to perform wear testing on these cermet 
samples. These Ti-TiB cermets have been proposed as replacements for other composite 
materials in applications such as cutting and forming tools. In order to find an industrial 
application for these Ti-TiB cermets, there must be wear testing data for comparison to 
other cermets, in addition to the mechanical properties contained in this report. 
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